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ABSTRACT: A novel high-throughput method was used to determine the effect of chain extender
composition on the mechanical properties of segmented poly(urethane—urea)s. Combinatorial libraries
with continuous gradients in chain extender composition (60 < ¢ < 160 mol % stoichiometry), cure
temperature (70 < T < 110 °C), or both were synthesized. Stress vs strain data were obtained at numerous
library positions (corresponding to different ¢ values) using a unique high-throughput mechanical
characterization (HTMECH) apparatus developed by the authors. These mechanical measurements were
related to the morphology, hydrogen bonding, and degree of phase separation using AFM, FTIR, and
DSC. Optimum strength and percent elongation were observed at a chain extender composition of ¢ =
85 mol %, corresponding also with the finest phase-separated morphology, indicated by an even dispersion
of uniform hard domains (dimensions 110—130 nm). DSC measurements indicated increased mixing of
soft and hard segments when ¢ exceeded 85%, which was correlated to decreased urea—urea hydrogen
bonding (from FTIR). SEM analysis of the library fracture surfaces suggested a transition from brittle to
ductile failure with increased ¢, in agreement with the increased soft—hard segment mixing and disruption
of the hydrogen-bonded network. These results validate the HTMECH approach as an accurate and
effective screening tool for developing mechanical property—structure relationships in combinatorial

polymer libraries.

Introduction

The successful application of combinatorial and high-
throughput methods (CHM) in the pharmaceutical
industry has made these techniques very attractive to
materials researchers. Compared to conventional one-
sample—one-measurement techniques, CHM provides
a cost- and time-saving alternative, especially during
the discovery stages of a materials research endeavor.
In polymer materials research, the purpose of CHM is
not to replace established measurement techniques, but
rather to enhance the use of detailed measurement
techniques by providing an efficient screening to select
the most relevant regimes of parameter space to explore.
This is accomplished by exploring a large variable space
with high-throughput screens of desired properties on
a single library, reducing variance and the likelihood
of overlooking unexpected behavior.

To apply CHM to polymer research, methods have
been developed for preparing high-throughput polymer
libraries with continuous gradients in composition,
thickness, surface energy, and annealing temperature
(T).15 These libraries have been used to characterize
polymer blend phase separation, thin-film dewetting,2®
block copolymer surface pattern formation,” crystalliza-
tion growth rate,® cell adhesion and function on polymer
surfaces,® and mechanical properties of polymer films.®~11
In addition, discrete sample libraries that explore
variations in composition and chemical structure have
been developed.?2~1* With numerous library preparation
techniques available (gradient and discrete), the limita-
tion in polymer CHM appears to be in the screening and
characterization stage. There is a strong need to extend
the suite of high-throughput screens available for
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polymers. For example, polymeric materials are espe-
cially sensitive to processing variables such as temper-
ature and rheological history, which strongly affect the
nano- and microstructures. These microstructures have
a tremendous effect on mechanical, thermal, optical, and
permeability properties. Polyurethanes and poly(ure-
thane—urea)s are good examples of this sensitive rela-
tionship between processing, structure, and mechanical
properties.

Segmented poly(urethane—urea)s are elastomers that
belong to the group of materials generally referred to
as “polyurethanes”. Compared to traditional polyure-
thanes, segmented poly(urethane—urea)s have superior
elasticity and strength® due to improved phase segre-
gation and a three-dimensional bidentate urea—urea
hydrogen-bonding network found in the hard do-
main.1617 Because of the myriad block chemistries and
microstructures possible, SPUU elastomers have a wide
range of applications, including biomaterials, textiles,
foams, coatings, adhesives, and other consumer prod-
ucts. Despite the industrial importance of SPUUSs, there
is still limited literature addressing the effect of chain
extender stoichiometry on mechanical properties of poly-
(urethane—urea)s,'® in particular in combination with
varying the cure T. One problem is the large number of
combinations of soft and hard segment chemistry,
isocyanate chemistry, chain extender composition, and
cure T values. Large numbers of combinations are
difficult to screen with conventional sample preparation
techniques, particularly given the sensitivity of isocy-
anates to water contamination and small errors in the
mixing of compositions.

To understand this complexity, consider that the
mechanical properties of SPUUs are dependent on the
degree of phase separation between hard and soft
segments. Generally, a finer morphology results in
higher elongation at break and tensile strength.1® The
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degree of phase separation in polyurethanes is depend-
ent primarily on cure temperature and chain extender
composition and has been monitored using FTIR, DSC,
X-ray diffraction, and AFM.15-17.19-26 AJthough the
literature is limited for SPUUs, extensive investigation
of polyurethanes has shown that the morphology and
mechanical properties are affected strongly by the molar
ratio of isocyanate to chain extender,?”~36 insight which
is expected to apply to SPUUs as well.3” Changing the
ratio of isocyanate to chain extender can alter the
amount of hydrogen bonding by causing a relative
excess or depletion of N—H hydrogen donors.18 A sto-
ichiometric excess of isocyanate or the use of tri- or
higher functional chain extenders can lead to biuret
(urea groups) and allophanate (urethane groups) chemi-
cal cross-links.

To address the need for high-throughput screens
capable of determining such processing—structure—
mechanical property relationships, we reported previ-
ously a new apparatus for high-throughput mechanical
characterization (HTMECH) of polymer libraries.® We
applied HTMECH to characterize structure—property
relationships in poly(urethane—urea) T-gradient librar-
ies.’0 In the present paper, we use HTMECH to develop
structure—property relationships for segmented poly-
(urethane—urea) (SPUU) libraries with a gradient in
chain extender composition (¢). There are several key
questions we seek to answer in this study. First, we
desire to demonstrate that the combinatorial library
synthesis technique mentioned above can be used to
synthesize polymers (in this case a block copolymer) in
situ on ¢-gradient libraries. Previously, these libraries
were used only to blend polymers and other additives.
Below, we describe the preparation of ¢-gradient com-
binatorial SPUU library films, which are subsequently
annealed over an orthogonal T-gradient to examine the
combined effects of varying both the curing T and chain
extender composition. The libraries are characterized
(screened) with high-throughput spectroscopic, micro-
scopic, and mechanical measurements at points repre-
senting different chain extender ¢ and cure T. Second,
we seek to discover whether relatively simple spectro-
scopic screens, e.g., FTIR, can be used to indicate
structures that predict optimal mechanical properties.
Stress—strain profiles are related to the materials
microstructure using FTIR, AFM, and DSC, and we
show that the urea—urea H-bonding fraction deter-
mined from FTIR is a good predictor of trends observed
with tensile strength. Finally, we will present a rigorous
comparison between HTMECH and conventional uniax-
ial tensile tests to determine the reliability of HTMECH
relative to existing methods for mechanical measure-
ments.

Experimental Section

Materials and Library Synthesis. Segmented poly(ure-
thane—urea) libraries were synthesized by first preparing two
solutions: (1) toluene diisocyanate (tetramethylene glycol)
prepolymer (Air Products and Chemicals, AIRTHANE PET-
85A, M,, = 2500, NCO functionality = 2.0, mass % NCO =
3.3%) and (2) trimethylene glycol di-p-aminobenzene chain
extender (Air Products and Chemicals, VERSALINK 740-M),
to a total concentration of 30 mass % in tetrahydrofuran (VWR,
ACS Grade). A composition-gradient film library was prepared
by using a technique described in detail elsewhere.!383° A clean
vial was initially loaded with 1 cm? of the prepolymer and
chain extender solutions mixed at 60 mol % of the stoichio-
metric amount of chain extender. The solution was stirred
vigorously, and the infusion pump, the withdrawal pump, and
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the automated sample syringe were activated simultaneously
to (1) infuse 0.20 cm?® of the 30% by mass chain extender
solution into the vial at 0.14 cm3min, (2) withdraw 0.40 cm?
of the solution from the vial at 0.30 cm3/min, and (3) extract
continuously the mixed solution in the vial. After a sampling
period of 40 s, the sampling syringe contained 70 L of solution
with a linear gradient in chain extender stoichiometric amount
(60—157 mol %) along the length of the syringe needle.
Although gradient library films were prepared from 60 to 157
mol % curative, the characterization was performed over a
narrower range, 80—150%, to avoid the edges that might
contain residual stresses or other artifacts. The content of the
syringe needle was deposited as a 25 mm long stripe on a
silicon wafer (Silicon Inc.) within 16 s. The gradient stripe was
placed quickly under a 40 mm wide stationary knife edge (350
um above the substrate at a 5° angle) and was coated quickly
as a film for a distance of 30 mm by moving the substrate
under the blade at 25 mm/s, orthogonal to the composition-
gradient direction. Multiple composition-gradient films were
prepared in the same manner with thicknesses between 20
and 35 um. The library was cured by placing a composition-
gradient film on a linear temperature-gradient stage,!%3°
under —1 atm vacuum, for 6 h. The lower and upper end point
temperatures of the heating stage were set to 75 and 110 °C,
respectively. Some of the composition-gradient libraries were
cured at a uniform temperature (90 °C) in a vacuum oven for
6 h.

Characterization. a. Spectroscopy. The thickness at
different positions on the films, corresponding to different
combinations of chain extender stoichiometry and cure tem-
perature, was measured by visible—near-infrared interferom-
etry (Stellar Net EPP 2000). Interferograms collected from
wavelengths of 400—900 nm were fitted numerically to a thin
film optics model using Film Wizard software (SCI). Refractive
index and optical adsorption were measured as a function of
wavelength with variable-angle spectroscopic ellipsometry (V-
VASE, J.A. Woollam Co). FT-IR absorption spectra were
recorded at room temperature and a resolution of 4 cm™* using
a Bruker IRscope Il connected to a Bruker IFS 66/V spectrom-
eter. The IR microscope was equipped with an x—y translation
stage which facilitates rapid screening of the polymer libraries.
The sample area was purged with dry air to prevent the
appearance of atmospheric water bands in the spectra. The
poly(urethane—urea) films were mounted on a sapphire sub-
strate, and spectra were recorded at different positions on the
gradient film libraries. The spectra were corrected for thick-
ness differences, and a peak separation and analysis software
package (Peakfit 4.11, Jandel Scientific) was used to resolve
the bands in the carbonyl region (v = 1630—1740 cm™?) to
obtain the relative ratios of the peak areas, assuming Gaussian
peak shapes.

b. Microscopy. AFM images of the films were taken in the
noncontact (tapping) mode at different positions using a
Thermomicroscopes SPM Explorer. An x—y translation stage
was attached to the microscope, which allows relatively high-
throughput screening of different library positions. The images
were acquired under ambient conditions with SFM (Thermo-
microscopes # 1650) silicon probes, having a resonant fre-
quency of 292—331 Hz and a spring constant of 24—41 N/m.
The length, width, and thickness of the probe are 126, 27—28,
and 10—15 um, respectively. The set point amplitude used in
feedback control was adjusted to 50—70% of the tip's free
amplitude of oscillation. The AFM was operated on a vibration
isolation table.

c. Mechanical Tests. Libraries were deformed at various
T, ¢ positions using the HTMECH apparatus, shown sche-
matically in Figure 1. Details on the development of this
apparatus can be found elsewhere.®° These previous papers
also discuss experiments that illustrate the excellent reproduc-
ibility of force vs deformation data and mechanical parameters
extracted from these data. Generally there is less than a 5%
variability in forces between various points measured on a
uniform composition library. Also, no artificial correlations
have been observed for neighboring measurements on the
library. Stress vs strain profiles were obtained at two strain
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Figure 1. Schematic representation of the high-throughput
mechanical characterization apparatus.
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Figure 2. Schematic representation of film deformation
geometry.

rates: an impact rate of 0.9 m/s and a slow rate of 30 mm/
min (0.5 mm/s). All mechanical tests were performed under
ambient conditions. After indentation, the films were coated
with a thin layer of gold, and SEM images of the fracture
surfaces were taken using a Hitachi 3500H SEM. To compare
mechanical measurements from HTMECH (radial geometry)
to the conventional uniaxial tensile tests, five samples of
uniform chain extender composition of 85, 100, 116, 132, and
150 mol % were cured in a vacuum oven at 90 °C for 6 h. These
samples were characterized mechanically using both the
HTMECH apparatus and a commercial uniaxial tensile ap-
paratus (Instron 5842) at a strain rate of 30 mm/min. DSC
measurements of these uniform samples were carried out on
a Seiko DSC220C differential scanning calorimeter over the
temperature range of —90 to 90 °C at a heating rate of 5 °C/
min. The degree of chemical cross-linking was estimated by
placing 30—50 mg in a glass vial containing 5 cm? of N,N-
dimethylformamide (DMF) for a week, followed by gravimetric
determination of the nonsoluble fraction.

Figure 2 shows a cross section of the deformation geometry
in the HTMECH apparatus. The load on the needle, e.g., the
force that is measured, Fz, is the vertical component of the
actual in-plane radial tensile force (F,) developed in the film.
In Figure 2, the film profile is represented in two ways: (1)
the actual profile that can have some degree of nonlinearity
and (2) a linear approximation or conical film profile shape.
The geometrical parameters include d, the indentation dis-
tance; r, the radial position measured from the center of the
needle; w(r), the film profile shape; R, the needle radius (R =
500 um); 1, the extended length of the film in the linear
approximation; ro, the hole radius (ro = 3 mm); and 6, the
tangent angle between the film and the needle at their point
of contact, r = c.

Green and Adkins*® presented the general theory of large
deformations of elastic membranes: thin materials that do not
exhibit bending stresses (normal to plane of material) under
a load. Thin elastomeric polymers are thought to come close
to the ideal membrane model, where all of the stress is
distributed in the plane of the material, with both radial and
tangential components, o/(r) and o(r). The deformation of
axisymmetric membranes (Figure 2) is treated by Yang and
Feng,*? who presented a numerical solution of the geometry
employed in this work, namely a circular membrane deformed
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by a spherical tip, shown recently to correlate well with
experimental measurements.** It is important to emphasize
that experimental conditions only approximate equilibrium in
the case of slow strain rates, whereas large strain rates are
likely to be far from equilibrium. Nevertheless, an examination
of membrane theory sheds important physical insights onto
the HTMECH apparatus design and interpretation of results.

To understand the measurement geometry employed in this
work, it is desirable to know how the film profile, w(r), and
stresses, o¢(r) and o(r), depend on the load, Fz, sample
geometry, and material properties. In the absence of significant
flexural rigidity, egs 1 and 2 describe the relationship between
these parameters and must generally be solved numerically
or through infinite series.

dW I’F
“dar =72 @
d (op + Enfdwz _
dr(Vf) Zr(dr) 0 @

In the expressions above, f (r) is the stress function, from which
or = (Ur)(df/dr) and or = d?f /dr?. Wan and Liao* presented
an analytical solution in two limiting cases that are particu-
larly relevant to the geometry employed here. The film profile
is divided into a contact region (where tip contacts film) and
a noncontact region (extending from contact radius, r = c, to
the mounting edge, r = ro). In the contact region, the solution
is simplified because the film profile is constrained to follow
the tip shape. To obtain an analytical solution in the noncon-
tact region, the authors adopted two different assumptions
about the film profile and stress distribution. In the conical
approximation, it is assumed that the film profile is a simple
linear function (see Figure 2). In the uniform stress assump-
tion, the stress is assumed to be distributed uniformly
throughout the noncontact region, e.g., f = f(r). It turns out
that these two solutions offer approximate maximum and
minimum bounds on what is observed experimentally. In
addition, their solutions predict the dependence of load, Fz,
vs indentation, d, on the ratio of the tip radius to the hole
radius, R/ry. Of particular interest is that both approximations
predict that as R/ro — 0 (the point-load limit) the load scales
with indentation as, Fz ~ d" = d3, which is a common
characteristic of thin films.** As R/ro — 1, n becomes larger
than 3.

The models above assume purely elastic materials with no
bending (z-component of film stress). In reality, one wishes to
understand how the onset of plastic deformation or presence
of bending might affect the load—indentation data. The experi-
ments of Wan and Liao* indicate that when plastic yielding
does occur, it begins at the contact point between tip and film,
r = ¢, and decreases as r — ro, with a maximum at c. The
conical profile assumption (nonconstant stress function) pre-
dicts a minimum tip radius to prevent yielding R = 9F;/
(27zhoy), where oy is the yield stress. Thus, for a constant yield
strength, the onset of plastic deformation will be enhanced by
smaller tip radius, larger loads, and thinner films. To avoid
plastic yielding, which is not a design necessity of ours, the
yield stress must stay above o, = 95F; (MPa), corresponding
to a maximum oy of 430 MPa at our highest observed loads.
SPUUs generally stay outside of this g, range due to their
highly elastomeric nature. However, deviations from elasto-
meric behavior are observed for some library compositions in
which the elastomeric network is compromised. In these cases,
plastic yielding can occur if o, becomes significantly small,
which actually is a convenient indicator of elastomer network
quality. In addition, Wan and Liao’s experiments discuss the
influence of tip radius on the stretching vs bending behavior
of real films that have a nonzero bending component. There
is a corresponding maximum tip radius, R, for the film to
undergo pure stretching. Our apparatus has R/ro = 0.25/1.5
= 1/6, and to avoid bending stresses, our tip radius, R = 0.5
mm, is always well below the predicted maximum R = 400F;
(mm), where Fz is the load in N. To calculate this parameter,



Macromolecules, Vol. 37, No. 6, 2004

we estimate the flexural rigidity of common poly(urethane—
urea)s as D = Evh¥12(1 — v?) ~ 1078 J, where Ey (elastic
modulus at 100% strain) ~ 3 MPa and v (Poisson’s ratio) =
0.5.%% For films that have significant flexural rigidity, or large
thickness, the gradient of Fz vs d is predicted to fall below n
= 3, with n = 1 at pure bending.

A primary objective of this work is to compare results for
mechanical measurements from both uniaxial and biaxial
instruments, rather than to make detailed comparisons to
theory. Hence, we choose operational definitions of stress and
strain that allow a meaningful comparison to the uniaxial data.
The raw force vs time data were converted to an “operational”
stress (o) by dividing force by the area around the hole
perimeter where the film is held: area = 2xroh, where h is
the initial film thickness. For simplicity, we assume a linear
profile and note that in most cases the film profile conformed
closely to a conical geometry. The engineering strain (¢) was
obtained by dividing the instantaneous linear radial deforma-
tion, I = I(t), by the initial hole radius, ro. The radial
deformation was obtained by first converting time (t) into
vertical needle indentation, d = vot, where the strain rate vo
changes by less than 1% during impact.®° The linear defor-
mation is found as the hypotenuse between the fixed hole
radius, ro, and d: | = (d? + r¢?)%2.1% The radial component of
the force is obtained from trigonometry as Fr = Fz /cos(6),
where cos(0) = d/(d? + re?)Y? (Figure 2). Measurement of the
radial force from the measured vertical force can lead to
problems at low elongation, where the needle becomes nearly
perpendicular to the film and cos(8) ~ 0, but this is confined
to the first 10—20% of strain. In addition, when the actual film
profile deviates significantly from linear, the true 0 value will
be less than the linear approximation, leading to an overes-
timation of o and underestimation of . Fortunately, these
errors will cancel in the calculation of an “effective” secant
modulus: E = do/de = [Fz(d? + re?)¥2/(2dmroh)]/[(d? + re?)Y?/
ro] = [Fz/2zdh]. The [(d? + re?)¥?] term indicating the instan-
taneous deformed film radius cancels, and this operational
modulus should be identical from both uniaxial and biaxial
tests, barring any other artifacts. We note that the secant
modulus is not Young's modulus.

Differences in mechanical response in uniaxial vs radial
strain may occur due to geometry-dependent stress nonlin-
earity and nonaffine deformation in elastomer networks.
Radial deformation is a special case (the equibiaxial strain
case) of the more general biaxial deformation. Recent studies
on cross-linked and entangled PDMS elastomers show that
biaxial deformations are more sensitive to these nonlinear and
nonaffine effects than uniaxial strains.*® First of all, it is well-
known that affine elastomer deformations exhibit significant
nonlinear stress vs strain profiles, even when single chains
are assumed to be linearly elastic (Gaussian).*® In an affine
deformation, network connection sites are displaced homoge-
neously in proportion to the bulk sample dimensions. At
moderate strains, network connectivity allows heterogeneous
rearrangements that can reduce the stored stress below what
would be predicted for an affine deformation. As a result,
elastomers show nonaffine deformations whose magnitude is
dependent on the loading geometry. We can expect differences
in the modulus between the uniaxial (one loaded dimension)
and radial (two loaded dimensions) test geometries to arise
due to the nonlinear stress response and the nonaffine
deformations. In addition, the strain-induced crystallization
common for SPUU elastomers (usually at strains exceeding
~300%) is also dependent on the strain geometry. These
predictions will be examined below in a comparison of results
from the radial HTMECH apparatus vs conventional uniaxial
deformation.

One may also be concerned with the effect of the composition
gradient on the measured properties. We have compared
gradient library results to results from uniform films for the
compositions explored here and have found no significant
deviations in the trends observed. To our knowledge, no theory
has been developed that predicts the effect of a gradient in
modulus, for example, on the deformation. Such a development
would be beyond the scope of the present paper. In other high-
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Figure 3. Verification of chain extender composition in
gradient library using FTIR.

throughput measurements, e.g., microscopy, it was noted that
the steepness of the gradient plays a critical role in determin-
ing whether the gradient artificially influences results.” In-
tuition leads one to suspect that an asymmetrical film profile
would result, and the force on one side of the needle would be
less than the other. If the gradient were significantly steep,
this could lead to bending of the needle, an artifact that was
not observed in our experiments.

Results and Discussion

The chain extender composition at different positions
on the composition-gradient library was calculated using
the mass balance equation developed elsewhere.! These
predicted compositions (based upon coating conditions)
agree very well with data obtained from FTIR (see
Figure 3) using a calibration curve (not shown) of known
chain extender compositions based upon the absorption
area of two carbonyl peaks centered around 1707 and
1730 cm™2. This check indicates the degree of control
over composition that is typical of the ¢-gradient coating
procedure.

Twenty-five FTIR spectra were taken from a 2D T,¢-
gradient library, corresponding to different combina-
tions of cure T and chain extender composition ¢. The
fraction of total urethane, urea—urea, and total urea
hydrogen bonding was estimated using appropriate
ratios of H-bonded and free carbonyl peaks, as reported
by others.2* Particularly important in determining me-
chanical properties is the bidentate urea—urea hydrogen
bonding, which is believed to form a three-dimensional
network that improves hard and soft phase segregation
relative to nonurea polyurethanes.'6.7

Figure 4 shows FTIR spectra in the N—H stretch
region taken at different ¢ positions on a ¢-gradient
library cured at 90 °C. The two peaks in the spectra
are identified as free N—H (v = 3363 cm™!) and
hydrogen-bonded N—H (v = 3292 cm™1). There is a
relative increase in the free N—H absorption with
increasing ¢, shown by a calculation of the peak areas.
This relative increase in free N—H absorption occurs
due to excess chain extender for which hydrogen-bond
acceptors become increasingly scarce at chain extender
stoichiometry above 100 mol %. This excess free N—H
becomes important later in interpreting mechanical and
structural measurements.

Figure 5 is a representative FTIR spectrum in the
carbonyl region taken from the ¢-gradient library at ¢
= 85 mol %, cured at 90 °C, along with the individually
fitted peaks from the deconvolution procedure. The
peaks in the spectrum are identified in Table 1. The
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Figure 4. FT-IR spectra in the amine region for a composi-
tion-gradient poly(urethane—urea) library at different chain
extender stoichiometric ratios; cured at 90 °C for 6 h. Bottom
to top: (1) 85, (2) 100, (3) 116, (4) 132, and (5) 150 mol %.
Spectra are arbitrarily offset.
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Figure 5. A representative spectrum in the carbonyl region
for the composition-gradient poly(urethane—urea) library at
chain extender composition of 85 mol % cured at 90 °C for 6
h.

Table 1. Absorption Band Assignments in the Carbonyl
Region for Poly(urethane—urea)15-17.23

wavenumber
(cm™1) assignment
1730 free urethane carbonyl
1716 disordered, hydrogen-bonded urethane carbonyl
1709 ordered, hydrogen-bonded urethane carbonyl
1695 free urea carbonyl
1651 disordered, hydrogen-bonded urea carbonyl
1642 ordered, hydrogen-bonded urea carbonyl

urea peaks were used to estimate the urea—urea
hydrogen bonding and the total urea hydrogen bonding
using the approach developed by Ning et al.,?* and the
results are displayed in Figure 6.

Figure 6a shows the dependence of urea—urea hy-
drogen bonding on T and ¢ for the 25 library spectra
and suggests that optimal mechanical strength will be
observed in elastomers prepared at a ¢ = 85—116 mol
% stoichiometry and T = 89 °C. Figure 6b shows that
the maximum total urea hydrogen bonding occurs at
cure T > 94 °C. Although more total urea hydrogen
bonds are formed at higher temperature, the important
bidentate urea—urea hydrogen bonding responsible for
hard-segment formation are maximized at T = 89 °C.
In the previously published cure temperature study, we
found that at ¢ = 95 mol % optimum mechanical
properties (elongation at break and impact strength)
were observed at a cure temperature of 94 °C.10 On the
basis of these FTIR screens, the remainder of this report
will focus on results obtained from characterizing
¢-gradient libraries cured at 90 °C, since the primary
focus of this paper is to understand the utilization of
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Figure 6. Dependence of urea hydrogen bonding on cure
temperature and chain extender composition for poly(ure-
thane—urea) library with orthogonal gradients in chain ex-
tender composition and cure temperature; cured for 6 h: (a)
urea—urea hydrogen bonding, (b) total urea hydrogen bonding.
Note: the axes in (a) and (b) are rotated to facilitate viewing
of the trends.

I

(5

(4
r (3)

(2)
(D
! ! !

-40 0 40 80
Temperature (°C)

Figure 7. DSC curves (second heating) for uniform composi-
tion samples at different chain extender compositions; cured
at 90 °C for 6 h. Bottom to top: (1) 85, (2) 100, (3) 116, (4)
132, and (5) 150 mol %. Curves are arbitrarily offset.
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¢-gradient high-throughput characterization. No dis-
cernible difference was observed in the dependence of
¢ and cure T on the total urethane hydrogen bonding.

Glass transition temperature (Tg) is used often to
indicate the degree of phase separation in polyurethanes
and poly(urethane—urea)s. Figure 7 shows DSC traces
(second heating run) of five poly(urethane—urea) samples,
prepared at the same concentrations as those explored
in the libraries. The soft segment Ty and other thermal
characteristics are summarized in Table 2. DSC mea-
surement for the pure soft-segment prepolymer (not
included) showed a crystallization temperature at about
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Table 2. DSC Data Obtained from Figure 8

chain extender Tcrystallization Tmelting soft segment
composition (mol %) (°C) (°C) T4 (°C)
85 8.4 —-735
100 8.9 —72.4
116 —-9.4 10.6 —70.9
132 —-10.8 12.8 —67.1
150 —-12.9 13.7 —65.7

—15 °C and a melting temperature of about 23 °C. The
crystallization temperature (T;) and melting tempera-
ture (T are taken as the the maximum and minimum
of the peaks, respectively. As shown in Table 2, there
is an increase in soft segment Ty with an increase in
chain extender composition. This increase in T4 suggests
that phase mixing is enhanced when chain extender
composition is increased, with more hard segments
dissolving in the soft domains. Soft-segment crystal-
lization exotherms were observed for samples with ¢ =
116, 132, and 150 mol %, with T. decreasing with
increasing ¢ as shown in Table 2, but crystallization
exotherms were not observed at ¢ = 85 and 100 mol %.
At these two lower chain extender compositions, the
hard domains form strong physical cross-links that
probably hinder the molecular motion needed for strong
soft-segment crystallization. T, increases with an in-
crease in ¢ (Table 2), which correlates with the decrease
in T.. This suggests that at higher ¢, less energy is
needed to orient the soft segments for crystallization
because of reduced hard and soft domain network
connectivity, resulting in purer crystals that melt at
higher temperatures. These observations correlate with
the reduced urea—urea hard-segment H-bonding as ¢
is increased and may lead to more thermoplastic or
viscous behavior at high chain extender loadings.

Noncontact mode AFM has been used successfully to
characterize the surfaces of a wide variety of phase-
separated polymeric materials.212247-49 In noncontact
AFM, different phases are detected by shifts in either
the amplitude or phase of the oscillating tip due to van
der Waals interactions between the cantilever tip and
the sample.*”*8 For SPUUs with rigid hard domains and
flexible soft domains, contrast between the two phases
results from the differences in the local stiffness of the
two domains. The high-modulus hard domains appear
as light areas (+ phase shift), and the low-modulus soft
segments appear as dark areas (— phase shift).21:22:37.47-49
Figure 8 shows moderate force*® AFM noncontact phase
images taken at different positions on the surface of a
SPUU ¢-gradient library. The image at 85 mol % shows
the highest cross-link density with hard domains (di-
ameter ~ 110—130 nm) evenly dispersed in the soft
matrix. As the chain extender composition increases, the
cross-link density decreases (fewer hard domains with
larger interdomain spacing), and aggregation of hard
domains is also observed. Reduced cross-link density
and large hard domains tend to weaken the elastomeric
(energy storage) capacity of the network and will
eventually result in a loss of elastomeric character
(thermoplastic or viscous behavior).

With the notable exception of the elastomer prepared
at 85 mol %, all of the other compositions were com-
pletely dissolved in DMF after several hours. This
suggests that the elastomers prepared at ¢ = 100 mol
% chain extender stoichiometry are void of chemical
cross-links. These results are reasonable since cross-
linking via biuret or allophanate formation is expected
only when excess isocyanate is present, e.g., ¢ < 100%.
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Figure 8. Noncontact mode AFM phase images at different
chain extender compositions taken from a single composition-
gradient poly(urethane—urea) library; cured at 90 °C for 6 h.
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Figure 9. Stress—strain curves for a composition-gradient
poly(urethane—urea) library at different chain extender sto-

ichiometric ratios. Library was cured at 90 °C for 6 h; curves
were obtained at an impact velocity of 0.89 m/s.

The chemically cross-linked 85 mol % elastomer was
removed from the vial, carefully blotted to remove excess
solvent, and weighed. The swell ratio (mass of swollen
elastomer/initial mass of elastomer) was calculated to
be 1.13. The magnitude of this ratio indicates that only
a small fraction of hard domain is chemically cross-
linked, and the majority of the hard domain results from
physical cross-linking (hydrogen-bonding) between hard
segments.

Figure 9 shows stress (o) vs strain (¢) data from five
different positions on a ¢-gradient library at an impact-
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Figure 10. Stress—strain curves for uniform composition samples at different chain extender compositions; cured at 90 °C for
6 h. Curves were obtained from the HTMECH apparatus at vo = 30 mm/min and uniaxial loading using an Instron 5842 at v, =

30 mm/min: (a) 85, (b) 100, (c) 116, (d) 132, and (e) 150 mol %.

magnitude strain rate of vo = 0.9 m/s using the HT-
MECH apparatus. Elongation at break, stress at break,
and impact energy (area under curve) all decrease with
increasing chain extender composition. The same trends
were observed on multiple (3x) composition-gradient
films and also from impacting uniform composition and
cure T films. Figure 10 shows the o vs € curves obtained
at a low strain rate of 30 mm/s using both the HTMECH
apparatus and a commercial uniaxial tensile instrument
(Instron). The stress plotted in Figure 9 is based on the
raw force measurement that indicates only the z-
component (vertical), whereas for comparison, the cor-
rected in-plane radial stress is plotted in Figure 10.
Similar trends are observed from both instruments: the
elongation at break and the maximum stress at failure
decrease with increasing chain extender composition,
also observed in the high-velocity impact in Figure 9.
Parts a and b of Figure 10 show the ¢ vs € curves

corresponding to 85 and 100 mol % chain extender,
respectively, for both instruments. These two curves
show three distinct regions characteristic of strain-
crystallizing elastomers: an initial elastic rise, a plateau
region, and a region with an upturn in slope due
presumably to strain-induced crystallization.*® These
curves also show a nearly perfect overlay for both
instruments between 50 and 300% strain. Also, the
percent elongation for both instruments agrees very well
within the errors of mechanical measurements.

The curves at 116, 132, and 150 mol % chain extender
(Figure 10c—e) do not possess an upturn in slope after
the plateau. Instead, the material fails within the
plateau regime, suggesting that the excess chain ex-
tender causes a decrease in the capacity to store elastic
energy. At higher chain extender composition, the
material is probably acquiring plastic or viscoelastic
character, as suggested by FTIR, DSC, and AFM data
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Figure 11. SEM images of the impact surfaces of the composition-gradient library film described in Figure 9.

presented above. As these energy release mechanisms
increase, the stored stress will decrease, as indicated
in both Figures 9 and 10 and captured with both radial
and uniaxial approaches. Although the shapes are
similar, the stress vs strain from HTMECH and con-
ventional uniaxial do not agree quantitatively for the
higher chain extender concentrations. In particular, at
132 and 150%, the percent elongation at break is
significantly higher in the radial geometry. Previous
experiments comparing equibiaxial to uniaxial deforma-
tion of elastomers have observed the same phenomena.>®
The radial geometry may permit more plastic deforma-
tion or viscous dissipation prior to failure and plans are
underway to examine this hypothesis.

The mechanical trends observed in Figures 9 and 10
correspond well with the structural information ob-
tained from AFM, DSC, and FTIR library screening. In
addition, Figure 8 showed that the hard domain density
decreases, and the interdomain spacing increases with
increasing ¢ at a constant cure temperature of 90 °C.
Figure 6 showed that bidentate urea—urea hydrogen-
bonding diminished as ¢ and cure temperature in-
creased. The excess H-bonded urea carbonyls are most
likely H-bonding with urethane groups in the soft
domains or urethanes that are mixed into the hard
domains. These data, along with DSC measurements
discussed above, indicate interdomain mixing and a
structure that loses elastomeric character with increas-
ing extender composition. At ¢ = 116%, chains may be
“pulling out” of the network at sufficiently large defor-
mations due to these network imperfections.

SEM images of the impacted surfaces were analyzed
to gain an insight into the failure mechanisms at
different chain extender compositions. Figure 11 shows
that, in going from 85 to 150 mol % chain extender, a
transition from a rough surface with many fragments
to a smoother surface with few fragments occurs. This
trend follows the general relationship between fracture
surface roughness and tear strength of elastomers,
where rougher surfaces have higher tear strengths.5!
At 132 and 150 mol %, the fractured surfaces were
smooth, and the stress vs strain data (see Figures 9 and
10) showed no indication of the strain hardening typical
of elastomers. With the structural data in Figures 6—8,
these observations are strong evidence of a transition
from purely elastomeric behavior toward a material
with thermoplastic or viscous dissipation behavior.

Finally, we present a comparison of the “effective”
secant modulus obtained from HTMECH with that
obtained from a commercial uniaxial instrument (In-
stron 5842), shown in Figure 12. The secant modulus
at 100% strain was calculated and compared for five
different chain extender compositions, shown in Figure
10. A very good linear correlation was observed between
the HTMECH (radial) and conventional (uniaxial) ten-
sile measurements.

The radial secant modulus obtained from HTMECH
differs by about 40% from the uniaxial modulus, but
only at the highest moduli corresponding to the most
highly elastic materials. The materials with high chain
extender excess (lower modulus) show almost perfect
agreement between the radial and uniaxial moduli,
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Figure 12. Comparison of the modulus at 100% strain using
the stress—strain curves presented in Figure 10.

which may be due to a fortuitous cancellation in the
nonlinear film profile errors (see Experimental Section).
We tentatively attribute the differences in secant modu-
lus for the nearly pure elastomeric materials (85 and
100% chain extender) to differences in the loading
geometry that affect the onset and magnitude of both
the nonlinear stress vs strain and nonaffine deforma-
tions. The nonlinear nature of stress developed in
network deformation is known to depend on the loading
geometry.*® In addition, the onset of nonaffine deforma-
tion, thought to occur in the plateau region, allows
molecular rearrangement of the network cross-links
that reduce the total stored elastic energy.*® In the
uniaxial test two dimensions are free to adjust in
response to the loading, whereas only one dimension is
free of loading in the radial test.

Conclusions

The effect of chain extender composition on the
mechanical properties of segmented poly(urethane—
urea) was investigated using composition-gradient li-
braries coupled with a high-throughput mechanical
characterization apparatus, HTMECH, developed re-
cently by the authors. Stress—strain curves from the
composition-gradient libraries showed an optimum in
mechanical properties at the lowest chain extender
composition examined, 85 mol %, which also agreed with
measurements on uniform samples. At this stoichio-
metric ratio, the elastomer contained some chemical
cross-linking, minimizing deformation of physically
cross-linked hard domains and creating a stronger
interfacial bond with the soft domain. Spectroscopic and
microscopic measurements on the library suggest that
at chain extender stoichiometry greater than 116 mol
% excess hard segments are dispersed in the soft domain
and urea—urea H-bonding is diminished, increasing the
degree of phase mixing. Phase mixing tends to reduce
the energy storage (elastomeric) character and can
result in viscous or plastic energy dissipation processes.
In this regard, rather simple FTIR screens of urea—urea
hydrogen-bonding fractions are a reliable indicator of

Macromolecules, Vol. 37, No. 6, 2004

the trends observed in tensile strength and percent
elongation. A comparison of the mechanical results
obtained from HTMECH (radial) vs a commercial
uniaxial instrument demonstrates a strong correlation
between the secant modulus and trends in the tensile
strength and percent elongation. These measurements
serve to illustrate the utility of HTMECH as a conve-
nient and accurate screening tool for mechanical prop-
erties in gradient polymer films.
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